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Abstract
A polymer nanocomposite consisting of a spherical nanoparticle surrounded by
coarse-grained polymer chains is simulated. Two monomer types make up the poly-
mers, differing only in their interactions with the nanoparticle. All atomic stress fluctu-
ations are measured, converted to spherical coordinates centered around the nanopar-
ticle, and used to estimate the local stress autocorrelation as a function of distance
from the nanoparticle. The local stress autocorrelation is substituted into the relation-
ship between the bulk stress autocorrelation and bulk dynamic modulus, analyzed in
both radial shear and tangential shear geometries. The result is then treated as an es-
timate of the local dynamic modulus. This allows us to separate radial and tangential
effects on overall dynamic modulus as a function of distance from the nanoparticle for
multiple copolymer sequences. Unlike the direction-independent results, short block
length copolymer sequences exhibit a non-monotonic progression of the magnitude of
the tan(δ) (hysteresis) peak over distance to the nanoparticle, suggesting that adjusting
copolymer sequence could significantly control observed nanocomposite dynamics.
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Polymer nanocomposite materials are widely used in commercial applications such as
tire rubber, bio-hybrid nanofibers, and other industrial, commercial, and scientific ap-
plications. Previous research efforts have analyzed the connection between polymers,
nanoparticles, and composite properties, including dynamic properties such as modulus
and energy dissipation, in order to improve the design of composite materials.1–12 Specif-
ically, these efforts have sought to use molecular dynamics simulations to study these
materials, and particular attention has been devoted to explaining the difference in dy-
namics and rheology near the surface of nanoparticles compared to in the bulk. Due to
the high surface-to-volume ratio of nanoparticles, local effects on material properties in
the polymer-nanoparticle interphase have an exaggerated effect on the overall behavior
of the composite material. It has been made clear that local dynamics in the polymer-
nanoparticle interphase are different than in the bulk polymer, which is one reason why
adding nanoparticles has such a large effect on the composite properties.13–23 Through
analysis of local dynamics and rheology at the nanoparticle surface, it is possible to achieve
a better understanding of how to control polymer nanocomposite behavior.
Dynamic properties in the polymer-nanoparticle interphase are significantly influenced
by the polymer-nanoparticle interaction strength. In the majority of industrial and com-
mercial applications, favorable polymer-filler interactions are desireable becuase they can
prevent nanoparticle aggregations that would otherwise occur. Polymers with a stronger
interaction strength adsorb on the surface of nanoparticle, resulting in slower dynamics in
the polymer-nanoparticle interphase.24–29 When components are selected in applications
such that polymer-nanoparticle interactions are unfavorable, interphase dynamics may be
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faster than the bulk. Polymer-filler interaction strength is dependent on the monomer types
and nanoparticle surface chemistry, so interphase properties can be adjusted by function-
alizing the nanoparticle surface or changing the polymer chemistry.
Nanoparticle loading, a system variable easy to adjust in commercial applications, di-
rectly correlates with the extent that interphase properties impact the overall material
behavior. As more nanoparticles are introduced into the system, the overall composite
properties usually begin to more closely resemble those of the interphase (up to a certain
threshold, above which filler-filler network effects become more significant).30,31 Relation-
ships between interphase properties, nanoparticle volume fraction, and the overall com-
posite properties have been characterized in previous works.32–35 Therefore, it is beneficial
to understand interphase properties in rational material design.
One material property material designers frequently consider is elastic modulus, which
measures a material’s stiffness and resistance to deformation under static load. Typically,
adding nanoparticles with strong interactions with polymer chains increases elastic mod-
ulus.32,36 Experimental studies have measured local static elastic modulus to prove that
modulus increases in the interphase between polymer and hard surfaces, provided that
the polymer has a strong attraction to the surface.37–39 Local static elastic modulus can
also be measured in simulations, where a sum of local atomic forces can be used to calcu-
late the theoretical instantaneous elastic modulus that would be experienced in response
to a uniform, infinitesimal strain.40,41
Although previous studies have measured local static modulus, few previous works
have considered local dynamic modulus. Dynamic modulus, which varies as a function
of the frequency of applied strain, can be described as the sum of a storage modulus and
a loss modulus, which respectively are the components of the response in phase and out
of phase with the applied oscillatory strain. The ratio of the loss modulus to the storage
modulus gives the ratio of the amount of energy lost to the amount of energy returned in
a single strain cycle, and it is therefore a measure of the material’s viscoelastic hysteresis.
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While a previous study has been able to analyze dynamic moduli and hysteresis under
Cartesian coordinates, this study is not able to separate radial and angular effects on these
parameters due to the nanoparticle.42 In the current work, we measure local dynamic
moduli using a similar method, but we extend the analysis by considering the results in
spherical coordinates, allowing us to examine the modulus in response to radial and tan-
gential stress separately. Separately analyzing radial and angular dynamic moduli provide
for a broader understanding that explains observed dynamic behaviors, providing clarity
as to what the driving forces are behind the local behavior.
Dynamic moduli and hysteresis are important in applications where cyclic or changing
loads are regularly applied to a polymer nanocomposite material. While low hysteresis is
desirable in reducing energy loss and heat build-up within filled rubbers, high hysteresis
is desirable in dissipating energy under cyclic load. Some applications may require low
hysteresis under one set of operating conditions while maintaining high hysteresis under a
different set of operating conditions, which poses even greater design challenges for mate-
rial designers. For instance, in tire applications, maintaining low rolling resistance (which
is desireable for good fuel economy) requires low hysteresis at lower loading frequencies
correlated to rotation of the tire,43–45 while achieving good traction requires high hystere-
sis at higher loading frequencies correlated to tread surface deformations while sliding
across asperities on a road surface.46,47
In the current work, nanoparticles are incorporated into copolymer systems with two
monomer types in various sequences. Several previous simulation studies have considered
nanocomposites with adjustable copolymer sequences, with the majority of these examin-
ing effects of copolymer chain sequence on nanoparticle interactions.48–50 When multiple
polymer components interact at the nanoparticle surface, the resulting dynamics include
interesting and sometimes surprising effects. For example, a significant body of work from
the Akcora group has studied nanoparticles coated in highly adsorbing chains of a ho-
mopolymer with relatively high glass transition temperature (Tg) that are dispersed in a
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matrix of a different homopolymer with a lower Tg.51–53 It is well-known that, in blocky
copolymer systems, unfavorable interactions between different monomers may cause mi-
crophase separation, which may in turn affect the polymer-nanoparticle interphase, the
composite modulus,54,55 and nanoparticle dispersion.56–60 Previous simulation studies have
specifically examined polymer-nanoparticle interphase properties and have determined
that chain conformations around a nanoparticle depend on both the interaction strength of
the two monomer types61 and the copolymer sequence.62 Other previous simulation work
has shown that even when monomer-monomer interactions are all equal and monomers
differ only in their interactions with nanoparticles (which is the case in this current work),
chain conformations near nanoparticles still depend on copolymer sequence.63–66 Consid-
ering such an idealized system allows us to focus on the effect of adsorption strength
without confounding effects of any microphase separation in the bulk.
This work uses the same model as in our previous simulation study on dynamic mod-
uli and hysteresis,42 a simple nanocomposite consisting of a single spherical nanoparticle
incorporated in a copolymer melt. Two monomer types are used, differing only in their
strength of adsorption to a nanoparticle, and the blockiness of the copolymer sequence is
adjustable (Figure 1). As found in our prior work, copolymer sequence affects the distri-
bution of monomers in the interphase, the polymer radius of gyration, and the end-to-end
autocorrelation, bond vector autocorrelation, and self-intermediate scattering function re-
laxation times, all of which tended to increase with proximity to the nanoparticle and with
copolymer block length.67 Using the same method to analyze atomic stress fluctuations and
estimate the dynamic mechanical properties in the interphase as our previous study,42 the
dynamic moduli and hysteresis are now converted into spherical coordinates with respect
to the nanoparticle, with radial and angular shear moduli and hysteresis being separately
analyzed. This method is used to show that copolymer sequence has a significant effect
on interphase material properties, and that these effects vary depending on the direction
of which oscillatory strains are applied to the polymer-nanocomposite material. Although
5
the ability to obtain a true measurement of local dynamic modulus is hindered by the fact
that particles move during the simulation time window associated with a given strain fre-
quency, our results still describe the effects of copolymer sequence on the local properties
in the polymer-nanoparticle interphase.
Figure 1: Snapshots of selected polymers from two simulated polymer-nanocomposite sys-
tems. Pink beads adsorb more strongly to the nanoparticle (purple) than cyan beads. The
system on the left has a shorter block length than the system on the right, and subsequently
has less microphase separation at the surface of the nanorparticle.
Methods
Before discussing the methodology used in this work, it is noteworthy to mention that
no new simulations were conducted for this study, as all necessary simulations were con-
ducted in our previous work.42 The significant differentiation from the previous work is
that the analysis of local dynamic moduli is now conducted in spherical coordinates cen-
tered at the nanoparticle center. Therefore, the simulation methods are identical to those
used in the previous paper. The simulation methdods used previously, as well as methods
of conversion to spherical coordinates are outlined in this section.
This work uses a standard attractive Kremer-Grest bead-spring model68,69 where poly-
mers are freely-jointed chains of coarse-grained monomer beads. Each of our systems
consist of 400 linear chains of length N = 100 (which are analytically predicted to have
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fewer than two entanglements per chain70). Periodic boundary conditions are applied to
the simulation box, and placed in the center of the simulation box is a nanoparticle with
an effective diameter 10 times the size of an individual monomer. Two monomer types
are considered, A and B, differing only in that B monomers adsorb more strongly to the
nanoparticle than A monomers.
The reduced units of mass, length and energy are m, σ, and ε respectively, which
are defined based on the length scale and strength of the interaction between nonbonded
monomers. As a result, the reduced unit of time is defined as τ = σ(m/ε)1/2. All monomers
have a mass of 1.0m, while the nanoparticle has a mass of 1000m. The mapping of ε, σ, and
m to real experimental units depends on the system being modeled, the temperature con-
sidered, and the degree of coarse-graining. Mapping τ to real time units in coarse-grained
systems, however, is more complex since coarse-graining removes degrees of freedom and
shortens timescales relative to atomistic simulations or experimental systems.71,72 As an
example, if the beads in our system were considered to represent approximately the mass
and length scales of Kuhn segments of polybutadiene, and if the temperature modeled was
considered to be close to room temperature, then ε, σ, m would take on values of approxi-
mately 2.5 kJ/mol, 0.99 nm, and 113 g/mol, respectively.73 Using the most straightforward
mapping (simply applying the equation τ = σ(m/ε)1/2) τ would be approximately 2×10−10
seconds. Since this mapping does not consider the lost degrees of freedom, the result is
effectively a lower bound on τ . However, this example is only provided for reference; since
the goal in this work is only to understand underlying physical mechanisms, this work will
proceed using only reduced units.
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where r is the distance between the monomers, R0 is the bond cutoff distance, (1.5σ), and
k is a constant that sets the energy of the bond, for which a standard value of k = 30ε/σ2
is used as suggested in literature to prevent chain crossing or scission.69
Unbonded monomer-monomer pairwise interactions follow a standard cut-off and shifted
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In this standard LJ potential, εij is the interaction strength, σij is the interaction length
scale, and the subscripts i and j refer to the two monomer types. The cutoff distance, rc,
is set to 2
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6σij for bonded monomers and 2.5σij for non-bonded monomers. δs is a vertical
shift factor selected so that ULJ(rc) = 0. Because the monomers are idealized to differ
only in interaction strength with the nanoparticle, monomer sizes and monomer-monomer
interaction strengths do not depend on monomer type, so σAA = σAB = σBB = 1.0σ and
εAA = εAB = εBB = 1.0ε.
Unlike monomer-monomer interactions, monomer-nanoparticle interactions depend
on monomer type. Here, a radially shifted LJ potential is utilized, which has been used to
manage polymer-nanoparticle interactions in previous simulation studies of coarse-grained
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Here, σNM is the effective diameter of the nanoparticle, set to 10σ, and the shift factor ∆ =
(σNM − σ)/2 = 4.5σ. The interaction strength, εNM, is a function of monomer type, M, with
εNA = 1 and εNB = 5. Thus, A monomers have the same affinity for the nanoparticle as for
other monomers, while B monomers adsorb strongly to the nanoparticle compared to other
monomers. Note that the nanoparticle-A monomer interaction is effectively repulsive due
to the nanoparticle being larger than the monomer, making A monomer that approaches
the nanoparticle surface from the bulk lose multiple interactions with other monomers
while gaining only one interaction with the nanoparticle.
This work studies the Pure B homopolymer system in addition to a number of AB
copolymer systems. In the copolymer systems, each chain contains equal numbers of A and
B monomers, but monomers are arranged in different configurations depending on the sys-
tem. Specifically, this work focuses on a series of regular multiblock copolymer sequences
with form [ABLBBL ]y, where y = 100/(2BL) and BL is the length of each block. In this
work, BL is set to either 1, 2, or 25. These systems were chosen in order to approximately
replicate previously synthesized experimental multiblock copolymer sequences with ad-
justable block length. The composition of these experimental polymer systems include
poly(styrene-b-butadiene),75,76 poly(lactide-b-butadiene)77 and poly(styrene-b-methyl methacry-
late).78 In most current polymer-nanocomposite applicaitons, polymers are arranged ran-
domly with a 50-50 split composition of the two monomers. However, systems containing
chains with random sequence may not be optimally arranging the monomers in a way that
the material exhibits the desired amount of hysteresis at given oscillatory strain frequen-
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cies. Figure 2 shows a schematic of a few representative copolymer sequences from our
study.
Figure 2: Schematic of different copolymer sequences used in this work. To simplify the
schematic visually, each segment above shows one half of its corresponding N = 100 poly-
mer chain.
Simulations were carried out using the open-source molecular dynamics (MD) package
LAMMPS and applying the default equations of motion.79 The initial positions of the poly-
mer chains were generated as random walks where bonded monomers were 0.96σ apart. If
monomer locations fell within the space of the nanoparticle, the monomer locations were
rejected and regenerated. A soft pushoff phase before equilibration was used in order
to correct monomer-monomer overlaps generated in the initial conditions. A timestep of
δt = 0.01 was used throughout this study.
The first equilibration phase was conducted in an isobaric-isothermal (NPT) ensemble
using a Nosé-Hoover thermostat (using damping parameters of 1.0) and barostat (with
a damping parameter of 10.0) to hold the reduced temperature at 1.0 and the reduced
pressure at 0. NPT equlibration ran for 200,000τ , or 20,000,000 timesteps. This time
window was 10 times as long as the end-to-end vector autocorrelation function relaxation
time in the bulk (approximately 1.9 × 104τ), and during this time, the root mean squared
displacement of all monomers reached 16.8σ, which is more than 3 times the average
radius of gyration in the bulk (approximately 5.1σ).67 Using these benchmarks, it is clear
that the polymers had adequate time to span the simulation box and reach their preferred
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conformations.
After NPT equilibration, a second equilibration phase was conducted in a microcannon-
ical (NVE) ensemble by removing the thermostat and barostat and fixing the volume at the
average volume of the last 1,000,000 timesteps of NPT equilibration. In each NVE equili-
bration phase, each side of the cubic simulation box was approximately 36σ in length. NVE
equilibration ran for 50,000τ , or 5,000,000 timesteps, in order to ensure that the system
had time to adjust to the new fixed volume. The size of the simulation box ensured that the
radius of gyration was within 2% of its value in the bulk for polymers whose centers were
6σ from the box edge, and the A and B nanoparticle-monomer pair distribution functions
were within 2% of 1.0 by 2σ from the box edge.
Once both equilibration phases were finished, monomer positions and Cartesian stress
tensor values for each timestep were saved for analysis at every timestep in two trajecto-
ries which each ran for 100τ , or 10,000 timesteps, and whose initial configurations were
separated by 50,000τ , or 5,000,000 timesteps. The time in between analysis windows was
well past two relaxation times of the end-to-end vector autocorrelation function. At each
timestep, Cartesian atomic stresses on each monomer are calculated according to:





(riaFijb + rjaFjia) (4)
where a and b take on the values x, y, z to calculate each component of the symmetric
Cartesian stress tensor, σiab is atomic stress on bead i in direction ab, mi is the mass of the
monomer, vi is the velocity of bead i, ri is the position of bead i, and Fij is the force that
a particle j exerts on bead i. The force summation is performed over all particles in the
system, which includes the nanoparticle. The calculation of each σiab was carried out at
each timestep of the trajectories. When a = b, the stress component is normal (which may
be either tensile or compressive), and when a 6= b, the stress component is shear.
Once stress tensor and monomer position data in Cartesian coordinates was collected,
the stress tensor data was then converted to spherical coordinates. Bead positions were
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converted to spherical coordinates centered at the nanoparticle using basic trigonometry.
The conversion of stress tensor components was calculated at each atom by calculating the





















The same method as used in our previous work is used to estimate local dynamic mod-
ulus in this work.42 Bulk dynamic modulus can be measured from an MD simulation us-
ing either non-equilibrium71,81,82 or equilibrium83–85 methods. In this work, the equilib-
rium method is used to estimate local dynamic modulus, where dynamic modulus can be
measured from an MD simulation at equilibrium using the stress autocorrelation function
(SACF):






where σ(t) is the bulk stress at time t, 〈σ(0)σ(t)〉 is the SACF, V is the system volume,
and kBT is the thermal energy of the system. A Fourier transform is used to decompose
the modulus into storage (G′) and loss (G′′) moduli, both of which are functions of the
frequency of excitation, ω. As opposed to non-equilibrium methods of extracting bulk
dynamic modulus, this method is more computationally efficient because moduli can be
calculated for a range of frequencies from a single simulation. This technique has been
used in previous works to compute dynamic moduli for a variety of systems.83–89
The works referenced above, however, measured the bulk SACF and calculated the
bulk modulus as opposed to local dynamic modulus. In order to precisely measure local
dynamic modulus, a locally defined measurement of the SACF that would vary as a func-
tion of position would be needed. However, SACF is a function of time, and atoms in the
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system are not stationary in time, which makes defining and calculating a “local SACF” a
non-trivial task. Instead, our method approximates the local SACF by dividing the system
into concentric spherical shells centered on the nanoparticle and calculating 〈σ(0)σ(t)〉s,
an estimate of the average stress autocorrelation function of monomers in shell s. The
result is then used with Equation 6 to estimate the dynamic storage and loss modulus for
each individual shell.
To do this, at each shell and at each timestep t′, the stress on each bead, i, that lies
within a shell at t′ is calculated according to Equation 4, and then a stress autocorrelation
σi(t
′)σi(t
′ + ∆t) is calculated for each possible time window length ∆t from 0.01τ to 8τ ,
or 1 to 800 timesteps. At each starting timestep t′, this quantity is averaged over all
monomers in each shell, yielding [σ(t′)σ(t′ + ∆t)]s, which is the average dissipation of
stress for atoms that initially resided in shell s at time t′. [σ(t′)σ(t′ + ∆t)]s is further
averaged across all possible times, t′, yielding 〈σ(0)σ(∆t)〉s for each shell. Therefore, our
estimate of 〈σ(t′)σ(t′ + ∆t)〉s is the average of 10, 000 − ∆t/δt subwindows within each
trajectory. These results are further averaged across each of the two trajectories, sampling
the system at multiple different configurations that are separated by timescales longer than
the end-to-end vector relaxation time.
Atoms assigned to each shell are not necessarily the same for each autocorrelation
window starting timestep t′, and atoms may also move outside their initial shell during the
course of the autocorrelation time window. Because of this, our formulation of the SACF is
only able to measure the average stress dissipation of atoms that initially reside in a given
shell. To reduce the degree of approximation, the longest considered autocorrelation time
window is ∆t = 8τ , or 800 timesteps. This time window was selected since the square
root of the monomer mean squared displacement in the time window is less than 1.0,
meaning that the average monomer does not move significantly more than a single shell
width during a single autocorrelation time window. With these provisions in mind, this
approximation of the local SACF will hereafter be referred to as the LSACF.
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Becuase the system is isotropic, geometrically similar tensile components of the LSACF
stress tensor are virtually equivalent and can be averaged into a stress paramter to improve
statistics. Two shear stress parameters were collected at each atom i, σiρ to represent
dynamic radial shear stresses and σiθ to represent dynamic tangential shear stresses. σiρ
was calculated by taking the average of the four radial shear components of the spherical
stress tensor: σθρ, σφρ, σρθ, and σρφ. σiθ was calculated by taking the average of the two
tangential shear components of the spherical stress tensor: σθφ and σφθ.
After this averaging, however, the results of the LSACF are quite noisy. To reduce the
level of noise in the data, a running average filter is applied, similar to the one used by
Sen et al.,83 such that the final LSACF data at each time t is an average of all raw LSACF
data points from 0.8∆t to 1.2∆t. This filter uses a wider time window than in the work
by Sen and colleagues since our system is divided into shells, meaning that fewer atoms
are present in each ensemble. The effect from the filter on the magnitude of the LSACF
results is small, and a comparison between results gathered with and without the filter can
be obtained in the Supporting Information of our previous work.42
A final remaining challenge of this analysis method is that the autocorrelation data
is truncated at 8τ , which results in a discontinuity after the time window of the Fourier
Transform. The calculated storage and loss moduli exhibit substantial oscillations in the
frequency domain due to this discontinuity. To minimize additional noise from this effect,
the raw LSACF data is artificially extended after time filtering and prior to applying the
Fourier transform by performing a power law fit on the existing data above 1τ and then ex-
trapolating the data out to 1000τ . This data extension nearly eliminates oscillations in the
dynamic modulus, yet leaving the overall magnitude mostly unchanged. The Supporting
Information of our previous work additionally contains a comparison of dynamic modulus
data calculated with and without the raw LSACF data extension.42
14
Results
In this work, each system is divided into concentric shells centered around the nanopar-
ticle with a width of 0.5σ. Using the procedures detailed above, estimates of storage and
loss modulus at each shell were obtained across the range of 800 frequencies. Bulk storage
and loss modulus were collected using the typical methods using the bulk stress autocor-
relation data with Equation 6. At each shell, radial shear and tangential shear moduli are
calculated.
Using local estimates of storage modulus, G′, and loss modulus, G′′, an estimate of
complex modulus is calculated using |G∗| =
√
G′2 +G′′2 at each frequency, which gives the
ratio of the amplitude of an input stress and the amplitude of the resulting strain. tan(δ)
is additionally calculated, where δ is the phase lag angle of the shift between the input
stress and resulting strain. tan(δ) can also be calculated as the ratio of loss modulus and
storage modulus (tan(δ) = G′′/G′). tan(δ) is a useful metric in quantifying hysteresis in a
material as it is a ratio of energy lost in the material to the energy returned by the material.
Together, |G∗| and tan(δ) completely characterize the behavior of a given material under a
cyclical stress, and information about G′ and G′′ are encoded inside these two parameters.
The range of frequencies accessible for analysis are physically limited by the time inter-
vals at which data is collected. At the low end, frequencies are bounded by the reciprocal of
a period length equal to the longest correlation window. The reciprocal of a period length
equal to the length of two timesteps (0.02τ) bounds the frequencies at the high end. De-
spite that the LSACF was artificially extended for smoothness of the data, the raw data
sets are only 8τ in length, making the theoretical lower bound of analysis at 2π/8 rad/τ .
For visual clarity in figures presented in this work, analysis is truncated to 1 rad/τ , which
is close to yet within the lower bound. The theoretical upper bound of analysis based on
how the data was collected in this work is 300 rad/τ . However, analysis is only conducted
up to 20 rad/τ in this work due to FENE bond vibrations becoming dominant in the results
(as the natural bond vibration frequency was set to 30 rad/τ). This phenomenon has been
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documented by other researchers.83
tan(δ) and |G∗| results for multiple shells around the nanoparticle in the pure B ho-
mopolymer system are presented in Figure 3 and compared to the bulk.Complex modulus
in both the radial shear and tangential shear geometries generally increases with respect to
frequency and proximity to the nanoparticle. The ratio of complex modulus in the closest
shell to the complex modulus in the bulk is around 8.0, a pattern that is also found when
analysis is carried out in Cartesian coordinates.42 Tangential complex modulus is generally
slightly larger than radial complex modulus by a ratio of approximately 2.0 (although this
ratio decreases in shells that are closer to the nanoparticle). Ratio between the moduli
of two given shells, or mechanical reinforcement, is relatively independent of frequency.
These patterns additionally appear in all other systems presented in this work.
Similarly to the results presented in the analysis in Cartesian coordinates, tan(δ) ex-
hibits a symmetrical peak at around 9 rad/τ for all shells. The magnitude of this peak
increases with proximity to the nanoparticle, and reaches the same magnitudes in the
radial and tangential shear directions. This peak is more closely correlated to a valley
in the storage modulus than to a peak in loss modulus. The frequency that the peak
occurs at is notably close to the reciprocal of the average time that is required for an ad-
sorbed monomer (in the shell residing between 5.5 and 6.0σ) to move 1σ, the distance
between peaks in the monomer-nanoparticle pair distribution.67 This suggests that the
peak in tan(δ) is a result of the adsorption-desoprtion process that monomers undergo
when moving at the surface of the nanoparticle. This hypothesis is further exemplified in
our analysis in Cartesian coordinates, as the peak in hysteresis does not occur in the pure
A homopolymer system where the monomer-nanoparticle interaciton potential was set to
be the same as that of other monomers.
Now considering copolymer systems, the tan(δ) and |G∗| results for the BL = 1 system
are presented in Figure 4. Because of the close proximity of monomer blocks to each

































































































Figure 3: Radial shear hysteresis (a), tangential shear hysteresis (b), radial complex mod-
ulus (c), and tangential complex modulus (d) of the Pure B homopolymer system as a
function of distance from the nanoparticle center, d. Shells are bounded by distance from
the nanoparticle center as labeled, and monomers are assigned to shells as described in
the text.
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nanoparticle than in any other system, which makes for unusual patterns in the complex
modulus and tan(δ) results. Notably different from the same analysis done in Cartesian
coordinates, |G∗| does not monotonically increase with proximity to the nanoparticle, as
the second closest shell (6.0 < d < 6.5) has a higher complex modulus in the radial shear
direction, while |G∗| increases monotonically in the tangential shear direction. Other than
this exception, the complex modulus results for this system (and all others presented in
this work) have similar magnitudes and ratios between complex modulus in the closest
shell and in the bulk to those found in the pure B homopolymer system.
The differences from the Cartesian analysis are more pronounced in the tan(δ) results,
where both the second and third closest shells exhibit higher peak hysteresis than the clos-
est shell. The hysteresis peaks occur at the same frequency and have the same width as the
homopolymer system, but generally have a lower magnitude than in the homopolymer sys-
tem (with the exception of the radial shear results for the third closest shell). Additionally,
the tangential shear hysteresis at each shell has a lower magnitude than in the radial shear
direction. These results suggest that in short block length copolymer nanocomposite ma-
terials undergoing oscillatory stress, most of the energy loss occurs in the radial direction
for the monomers close to the nanoparticle.
The next system considered for spherical analysis of dynamic moduli was the BL = 2
copolymer system, which behaves differently from the BL = 1 despite being a small change
in copolymer sequence block length. Complex modulus and tan(δ) results are presented
for this system in Figure 5. Complex modulus yields mostly similar results to both the pure
B homopolymer and BL = 1 systems, however reveals considerably different results in the
data for tan(δ).
Unlike the BL = 1 copolymer system, radial shear and tangential shear hysteresis peaks
for the closest shell to the nanoparticle have the same magnitude. This trend is present for
all other shells except for the second closest shell (6.0 < d < 6.5), where the peak in tan(δ)
































































































Figure 4: Radial shear hysteresis (a), tangential shear hysteresis (b), radial complex mod-
ulus (c), and tangential complex modulus (d) of the BL = 1 copolymer system as a func-
tion of distance from the nanoparticle center, d. Shells are bounded by distance from the


































































































Figure 5: Radial shear hysteresis (a), tangential shear hysteresis (b), radial complex mod-
ulus (c), and tangential complex modulus (d) of the BL = 2 copolymer system as a func-
tion of distance from the nanoparticle center, d. Shells are bounded by distance from the
nanoparticle center as labeled, and monomers are assigned to shells as described in the
text.
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gential shear direction. This means that hysteresis in this system increases monotonically
with proximity to the nanoparticle for the tangential shear direction, but not in the radial
shear direction. The tan(δ) peak in the radial shear direction for the second shell is no-
tably larger than for any system presented in this work, for both the radial and tangential
shear directions. This phenomenon is likely due to the fact that the addition of a second
B monomer in the blocks near the nanoparticle reduces the likelihood that A monomers
would reside at the surface of the nanoparticle. However, because the A monomers are
bonded so closely to the B monomers at the nanoparticle surface, it is likely that the effec-
tively repellent A monomers "lock in place" in the space of the second closest shell to the
nanoparticle when exposed to an oscillatory stress.
The last system analyzed in this work is the BL = 25 copolymer system, which has
a significantly longer block length. The complex modulus and hysteresis results for this
system are presented in Figure 6. This system has similar complex modulus results to the
pure B homopolymer system and BL = 2 copolymer systems.
Both radial shear and tangential shear tan(δ) grow monotonically with proximity to the
nanoparticle, a trend that does not occur in the other copolymer systems. The magnitudes
of each of the peaks in tan(δ) are the same as the pure B homopolymer system except for
the closest shell to the nanoparticle. For the closest shell, the radial shear tan(δ) peak is
about 1.5 times larger than the tangential shear tan(δ) peak. The magnitude of the radial
shear tan(δ) peak for the closest shell of the BL = 25 copolymer system is between that
of the closest shell of the pure B homopolymer system and the tan(δ) peak that occurs for
the second closest shell of the BL = 2 copolymer system. The magnitude of the hysteresis
peak in the tangential shear direction, however, is almost the same for both the closest and
second closest shells to the nanoparticle.
Taking into consideration the results from all systems presented in this work, it is clear
that the hysteresis in the radial shear and tangential shear directions behave differently at

































































































Figure 6: Radial shear hysteresis (a), tangential shear hysteresis (b), radial complex mod-
ulus (c), and tangential complex modulus (d) of the BL = 25 copolymer system as a
function of distance from the nanoparticle center, d. Shells are bounded by distance from
the nanoparticle center as labeled, and monomers are assigned to shells as described in
the text.
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two hysteresis parameters, due to the presence of the nanoparticle. Even small changes
in the block length of the copolymer system yielded significantly different results. These
findings suggest that the peak in hysteresis is related to the adsorption-desorption process
of monomers at the nanoparticle surface, a process that involves the radial movement of
monomers. If this hypothesis is proven to be correct, this could allow material designers
to focus their attention on adsorption-desoprtion parameters in order to tune material
behavior.
Conclusions
Conducting a localized analysis of dynamic moduli using the stress autocorrelation func-
tion and converting the results to spherical coordinates surrounding a nanoparticle, esti-
mations of local complex modulus and hysteresis were gathered for a variety of polymer-
nanocomposite systems. Splitting the results into radial shear and tangential shear pa-
rameters provides a deeper understanding of the underlying trends observed in Cartesian
coordinates. The results point to radial shear moduli being dominant for monomers that
are close to the nanoparticle surface. The results from this paper further demonstrate how
tuning the copolymer sequence can dramatically alter the extent by which radial shear
moduli alter the behavior of the material near the nanoparticle surface.
The results in this paper elaborate upon the observed behavior found in the previ-
ous analysis in Cartesian coordinates, suggesting potential underlying driving forces that
explain the trends. If the hypothesis that the peak in hysteresis is a result of adsorption-
desoprtion processes, material designers can focus on gathering data about polymer-filler
adsorption to predict at what frequency a tan(δ) peak would occur in material applica-
tions. Material designs that optimize hysteresis across a wide range of excitation frequen-
cies could minimize the trade off between traction and rolling resistance (fuel efficiency),
as an example.
23
In future works, analysis can be performed on polymer-nanocomposite systems where
polymers are crosslinked to see if changes in the macro-structure of the polymer chains
has an effect on the peak in hysteresis. Analysis of more copolymer configurations (such
as tapered or inverse-tapered copolymer sequences) may also reveal additional effects of
tuning copolymer sequence. Finally, running the same analysis on systems where nanopar-
ticles have a different radius of curvature may have an impact on local behavior as well, as
suggested in previous works.63 Overall, the goal is to develop a complete understanding
of the underlying mechanisms that govern the properties of polymer-nanoparticle inter-
phases, which provides a understanding on how to tune copolymer sequence to produce
desired mechanical properties.
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